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A B S T R A C T
In this work, a novel oxide dispersion strengthened titanium aluminide alloy (Ti-45Al-3Nb-< 0.2Y2O3 at.%) was
developed for powder-based processing technologies with a focus on spark plasma sintering and additive
manufacturing. Titanium aluminides are promising structural intermetallics for weight reduction and an in-
creased performance of high temperature components. The alloy design and selection process was supported by
computational thermodynamics based on the CALPHAD approach, taking into account requirements for pro-
cessing as well as long term alloy behavior under service conditions. Processing trials using spark plasma sin-
tering, direct metal deposition and selective laser melting were conducted to study the alloy behavior, micro-
structure formation and introduction as well as stability of the ODS particles. Additionally, thermal annealing on
the sintered and laser consolidated material was performed. Conventional dual phase α2-Ti3Al and γ-TiAl duplex
and near-lamellar microstructures were obtained from the processed material. The ODS particles were homo-
geneously distributed in the alloy matrix after processing in the liquid state. For the direct metal deposition
process, the novel alloy was compared to the established GE48-2-2 alloy (Ti-48Al-2Cr-2Nb) in terms of phases,
microstructure and texture after processing. A signiﬁcantly reduced texture formation was observed with the
novel alloy. The hardness of the consolidated material shows superior properties for ODS-containing TiAl
compared to ODS-free material. This work provides a ﬁrst step towards tailored alloys for AM and the production
of ODS TiAl alloys.
1. Introduction
Titanium aluminides are promising candidates for high temperature
capable light-weight materials to increase eﬃciency and performance
in aerospace and automotive applications [1,2]. In recent years, ad-
ditive manufacturing (AM) has become an interesting alternative to
conventional processing like sintering or casting, providing additional
geometrical freedom and optimized components with higher com-
plexity, fewer joints and reduced weight. Titanium aluminides are also
increasingly processed using powder bed fusion by selective laser
melting (SLM) [3–5] and electron beam melting [6–8] as well as di-
rected energy and blown-powder based laser metal deposition (DMD)
[5,9,10]. Beside the potentially increased geometrical complexity, AM
also allows the production of novel alloys and composites directly in the
manufacturing process [9]. The non-equilibrium processing conditions
involving high cooling rates create a need for detailed studies in order
to develop and select alloys for AM. In this work, the alloy design route
is based on previous studies on the inﬂuence of cooling rate and com-
position on the microstructures in rapidly solidiﬁed binary Ti-Al and
higher-order TiAl alloys [11,12]. Recent in situ rapid solidiﬁcation
studies using synchrotron X-ray diﬀraction could also show the non-
equilibrium solidiﬁcation path in rapidly solidiﬁed Ti-48Al [13].
Oxide dispersion strengthened (ODS) alloys have been produced for
decades due to their beneﬁcial properties at high temperature as
strength retention and creep resistance. Due to particle coarsening,
agglomeration and slag-oﬀ during casting, powder metallurgical
methods, such as sintering, are usually applied for the manufacturing of
ODS alloys. Recent studies on Fe-based ODS alloys have proved the
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possibility to process ODS alloys using liquid state AM technologies and
retaining a small dispersoid size by taking advantage of the high soli-
diﬁcation and cooling rate inherent to the process [14]. The combina-
tion of ODS alloys with AM processing technologies opens a new ﬁeld
for the production of parts with complex shapes, directly from powder.
In this work, this approach is expanded to the promising TiAl alloys to
produce ODS TiAl alloys by liquid state AM and solid state spark plasma
sintering (SPS). This emerging sintering technique has been successfully
applied to produce geometrically simple as well as near-net shape parts
from titanium aluminides [15,16]. While other aluminide systems have
been modiﬁed to yield ODS alloys, e.g. ODS FeAl, only a few attempts at
ODS TiAl alloys are reported. Er and Gd have been added to the melt to
form the corresponding oxides in situ, but the particles were not
homogeneously distributed [17,18]. Mechanically alloyed Ti-48Al-2Cr-
2Nb with Y addition formed Al-Y-O complex oxides after hipping [19].
Grain growth retention up to 1423 K was reported together with no
losses in ductility or fracture toughness due to particle formation. To
the authors knowledge, no attempts to combine ODS TiAl alloys with
AM have been performed so far.
In this work a novel ODS β-solidifying γ-TiAl was studied for
powder-based consolidation based on computational thermodynamics
and experimental work and taking into account service and processing
conditions. The results from consolidation tests by SPS, SLM and DMD
are compared in terms of the resulting microstructures, their evolution
upon thermal annealing and size of the incorporated dispersoids.
Finally, the inﬂuence of the processing energy density on dispersoid
size and processability of the alloy are discussed. This novel class of
material is foreseen to enhance the high temperature capabilities of
titanium aluminides by oxide dispersion strengthening combined with
geometrical freedom of additive manufacturing.
2. Alloy design and selection
The selection of the alloy serving as matrix for oxide particle
strengthening and the second phase itself is dictated by various factors
related to service conditions, processing technology and material
compatibility. Naturally, a low density and high strength is desired for
TiAl alloys to provide high density-normalized speciﬁc properties and
save weight in structural components. Additional technical require-
ments in this work were a high chemical homogeneity, a homogeneous
distribution of the incorporated oxide particles and microstructural
stability at elevated temperatures. From a processing point of view, low
anisotropy in as-processed parts is desired and the compatibility of the
alloy and the particles for powder-based sintering and AM technologies
as SLM and DMD is required. Based on the technical requirements,
speciﬁc alloy requirements can then be formulated. In modern TiAl
alloys enhanced strength is achieved by the stabilization of a higher
phase fraction of α2-Ti3Al of 20–30% [2,20]. This is typically achieved
by a lower Al content of 43–45 at.% compared to earlier Al-rich TiAl
alloys, as for example in the Ti-48Al-2Cr-2Nb alloy. Additionally, Nb is
commonly added to enhance oxidation resistance and high temperature
strength. Regarding the oxidation resistance, the Al content should be
maximized at the same time, which is a competing requirement to β-
solidiﬁcation and a high fraction of α2. So the selected alloy should
contain an enhanced fraction of α2 combined with moderate Nb addi-
tions and maximum Al content to ensure oxidation stability under op-
eration conditions. The most beneﬁcial properties in terms of balanced
creep resistance, strength and toughness is then typically achieved with
lamellar or near-lamellar microstructures consisting of alternating
plates of α2-Ti3Al and γ-TiAl [1]. Additionally, Ti-Al alloys solidifying
solely by the β-phase were found in Ref. [2] to strongly reduce texture
and segregation in cast parts. In studies on rapidly solidiﬁed binary Ti-
Al and ternary Ti-Al-Nb it was found, that these alloys also show
strongly reduced segregation behavior under non-equilibrium condi-
tions involving high cooling rates [11,12]. In Al-rich alloys strong
segregation of Al was observed, forming a highly Al-enriched liquid
towards the ﬁnal stage of solidiﬁcation, while Al-lean alloys show only
slight changes in Al and Nb content throughout the metastable α2-rich
microstructure. The formation of a supersaturated metastable phase can
then later be exploited to produce ﬁne structured material by heat
treatments. Based on these ﬁndings, the Ti-45Al-xNb system was chosen
as a basis for the further alloy selection process.
Supporting thermodynamic calculations were performed based on
the CALPHAD approach (CALculation of PHAse Diagrams) using
Thermo-Calc 2015a [21] in combination with a published assessment of
the Ti-Al-Nb system [22]. Fig. 1 shows a calculated isopleth along Ti-
45Al-(0–10)Nb. With increasing Nb additions, the alloy changes from
the (quasi-)peritectic solidiﬁcation type to full β-solidiﬁcation. At the
same time the γ-solvus temperature is slightly decreased and the α →
α2+γ decomposition temperature is increased. The former reduces the
necessary temperature for solution heat treatments in the α-phase ﬁeld,
while the latter deﬁnes the theoretical upper temperature limit of the
fully intermetallic structure. At lower temperatures a ternary phase, τ-
Ti4NbAl3, is predicted to be stable above 2.25 at.% Nb at 800 K. In this
work, this phase is considered as an unwanted constituent. However,
Nb diﬀusion is rather slow at low temperatures and thus its formation is
expected to be suppressed also at higher Nb content. Under non-equi-
librium conditions, extended β-solidiﬁcation was observed in binary Ti-
45Al and ternary Ti-45Al-Nb [12]. For simultaneously Al- and Nb-rich
β-solidifying alloys the formation of large amounts of massively trans-
formed γm was observed. Consequently, a slight stabilization of the β-
phase is suﬃcient to ensure the desired solidiﬁcation path. Based on the
data in Fig. 2, no substantial changes are achieved in the γ-solvus and α
→ α2+γ decomposition temperature beyond alloying levels of 3 at.%
Nb.
For processing of ODS alloys maintaining a homogeneous particle
distribution is crucial. This problem becomes substantial, when the
alloy is processed in the liquid state. ODS alloys are generally not
processable by casting due to particle agglomeration and coarsening.
Consequently, ODS alloys are typically processed in the solid state using
powder metallurgical methods such as sintering and extrusion. In AM,
the high solidiﬁcation and cooling rates enable the retention of
homogeneously distributed particles in Fe-base alloys [14]. It can be
expected, that a strongly segregating Ti-Al alloy may also show local
particle trapping in inter-dendritic spaces and agglomeration of
Fig. 1. Calculated isopleth Ti-45Al-(0–10)Nb using a published assessment [22]. Solid
single phase (dark), dual phase (intermediate) and triple phase ﬁelds (bright) are in-
dicated. The liquid phase ﬁeld is shown in white. The disordered α-Ti and β-Ti phases, the
ordered variants α2-Ti3Al and β0/B2 as well as the γ-TiAl and τ-Ti4NbAl3 phases are
shown.
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particles in the remaining melt. If particles are pushed instead of in-
corporated by the proceeding solidiﬁcation front, segregation and the
formation of a persistent liquid phase prolonging solidiﬁcation allow
for longer time for dispersoid coarsening as well as agglomeration in
the inter-dendritic spaces. Additionally, the size of the oxide particles is
ideally kept as small as possible to ensure good mechanical and creep
properties. This requires a short lifetime of the melt pool, which
translates to a low melting range for the chosen alloy. Fig. 3a shows the
calculated solidiﬁcation paths for Ti-(45–48)Al-3Nb for equilibrium and
non-equilibrium Scheil-Gulliver conditions. Under equilibrium condi-
tions, only the Ti-45Al-3Nb alloy is expected to solidify solely by the β-
phase. Applying the Scheil-Gulliver model, all compositions are pre-
dicted to show substantial segregation and ﬁnal solidiﬁcation by direct
formation of γ from a highly Al-enriched melt. As indicated before, β-
solidifying alloys were found to show low segregation under near-
equilibrium conditions [23,24] as well as at high cooling rates [12].
Consequently, the eﬀective solidiﬁcation path follows more closely the
equilibrium curve for Ti-45Al-3Nb, while it is better described by the
Scheil-Gulliver model for the Al-rich Ti-48Al-3Nb. This discrepancy
between the straight-forward application of a simple model and real
behavior can be explained by the diﬀerent diﬀusivities in the α and β
phases. While α has a dense hexagonal close-packed structure, β is
body-centered cubic with reduced packing density. Combined with the
higher temperature at which β is stable, (back-)diﬀusion in the β-phase
is fast enough to ensure full solidiﬁcation by β, without the formation of
an Al-enriched liquid.
Based on the discussed considerations, Ti-45Al-3Nb was selected as
the base alloy for oxide particle incorporation. Fig. 3b shows the cal-
culated phase fractions of the stable phases versus temperature in this
alloy. After solidiﬁcation by β, the alloy crosses the α single phase ﬁeld
before forming γ and ﬁnally α2 and γ become the stable phases. The α2-
fraction is stable above 20% and almost independently from tempera-
ture. This ensures additional microstructural stability if components are
subjected to varying temperature as both, α2 and γ, remain stable at the
same amount. At low temperatures, a small amount of τ is predicted.
However, its solvus temperature is lower than the operation tempera-
ture limit and consequently no formation of τ is expected.
3. Experimental
3.1. Powders
Ti-45Al-3Nb and Ti-45Al-3Nb-< 0.2Y2O3 (at.% and mol.%, re-
spectively, for all compositions in this work) intermetallic powders
(hereafter named OX 45-3 and OX 45-3 ODS) used for consolidation
were produced by mechanical alloying and were supplied by MBN
Nanomaterialia S.p.A., Italy. High-energy ball milling (HEBM) of the
elemental and oxide powders, as described by Suryanarayana and Froes
[18], was performed in equipment made from Ti and under protective
atmosphere to avoid contamination in the proprietary Mechanomade®
process speciﬁcally developed by MBN for the manufacture of TiAl-
based ODS material for AM. HEBM was performed with a Ball to
Powder Ratio (v/v) 10:1 and with a speciﬁc energy of 10.5 kWh/kg.
Loading and downloading of the powder from the reactor was made
under protective atmosphere (Argon) to prevent oxidation. Other pro-
cessing details are courtesy of MBN. From the yttria-containing variant,
two size fractions with 10–45 μm and 46–106 μm particle size were
obtained by sieving (Table 1). From the yttria-free reference alloy only
the ﬁner fraction was retrieved for comparative SPS consolidation. The
powders produced by HEBM have a globular but irregular shape and a
ﬁne structure of typically sub-micrometer thin Nb-rich ﬂakes is visible
(Fig. 3a and b). Internal porosity is also observed. For comparative
DMD processing trials, a gas-atomized Ti-48Al-2Cr-2Nb (GE48-2-2)
powder with a particle size of 46–106 μm was sourced from LPW
Technology, UK. This powder is spherical with little internal porosity
and has a ﬁne microstructure consisting of equiaxed γ and α2 lamellae
(Fig. 3c).
Fig. 2. a) Calculated solidiﬁcation path of Ti-(45–48)Al-3Nb assuming equilibrium (da-
shed) and non-equilibrium conditions according to the Scheil-Gulliver model (solid) and
b) calculated phase fractions versus temperature for Ti-45Al-3Nb using published data
[22]. The stable phases and the fractions of the α, β, α2, γ and τ phases are indicated.
Fig. 3. BSE SEM micrographs of a) OX 45–3, b) OX 45-3 ODS and c) GE48-2-2 (inset: Scale bar is 5 μm). The bright Cu particles in a) and b) are part of the used embedding material.
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3.2. Consolidation
Solid state sintering was performed by SPS on a HP D 10 commercial
setup (FCT Systeme GmbH, Germany) in a cylindrical graphite die lined
with graphite sheets. Sintering of the 10 mm high billets was performed
at a pressure of 50 MPa under vacuum in pulsed current mode with 12
pulses of 3 ms followed by a waiting time of 6 ms with zero current. The
heating rate was 100 K/min up to the maximum temperature of 1598 K
with a 2 min holding stage before cooling. Heating parameters were
adapted from Molénat et al. [15]. In order to compare diﬀerent laser
processing technologies, the area and volume energies Ea and Ev were
calculated according to
= =E P
v h
E P
v h d·
,
· ·a v (1)
where P is the laser power, v is the scanning speed, ℎ is the hatch
distance and d is the layer thickness. SLM was performed on a Con-
ceptLaser M2 (ConceptLaser GmbH, Germany) equipped with a ﬁber
laser operated at 1070 nm in continuous wave mode with a maximum
power output of 200 W and a diameter of 100 μm at the focal plane. The
powder layer thickness was 50 μm and Ea and Ev were 4.5 J/mm2 and
90 J/mm3, respectively. The selected parameters are the result of a
study on SLM processing of complex geometries from the OX 45-3 ODS
alloy which will be presented in a further paper. The sample geometry
is a cuboidal 5 × 5x1.6 mm3 build consisting of 32 individual layers
(see Supplementary Fig. S1a). A unidirectional cross-hatched exposure
strategy was applied to ensure a homogeneous energy input. Ar 4.8 was
used as processing gas and the oxygen content was controlled to be
below 0.1%. DMD was performed using a tri-beam coaxial powder
delivery head with a TruDisk 8002 laser source (Trumpf Laser GmbH,
Germany) with a maximum power output of 5.3 kW and a spot size of
1.3 mm. For precise movement, the deposition head is mounted on a
Reis RV60-40 robot (Reis Robotics, Germany). He was used as transport
gas, Ar 4.8 was as applied as shielding gas during processing. The build
geometry of OX 45-3 ODS is a cuboid with 20 × 20 × 1.4 mm3 con-
sisting of 5 layers (Fig. S1b). GE48-2-2 has been deposited as a 14 layer
20 × 15 × 5 mm3 block (Fig. S1c). For GE48-2-2 the base plate was
inductively preheated to 973 K to reduce residual stress formation and
cracking. In order to reduce the thermal impact on the dispersoids, the
ODS alloy was processed without preheating and at lower energy input.
The applied Ea and Ev for OX 45-3 ODS and GE48-2-2 were 120 J/
mm2, 179 J/mm2 and 444 J/mm3, 484 J/mm3, respectively. Both alloys
were processed with a bi-directional deposition strategy. The base
plates for SLM and DMD were produced from Titanium grade 2.
3.3. Thermal annealing
Short term and high temperature annealing of SPS, SLM and DMD
processed specimens were conducted in an induction furnace (in-house
developed at Empa, Switzerland) under 5 mbar of Ar 6.0 to avoid ex-
cessive elemental losses due to evaporation. The specimen temperature
is directly controlled by a ratio pyrometer (QKTR 1085-1,
Maurer, ± 1 K). Thermal annealing below 1273 K was performed in a
full metal-lined high vacuum furnace (Cambridge, UK) at pressures<
10−5 mbar. The specimen temperature was controlled by calibrated
thermocouples placed next to the specimen.
3.4. Characterization
For the microstructural analysis the specimens were embedded into
epoxy resin and polished using diamond suspensions from 9 to 1 μm.
The ﬁnal polishing step was performed using a non-crystallizing silica
solution (20 nm) with H2O2 addition. To remove the remaining surface
deformation layer present after the ﬁnal polishing step, Ar ion beam
polishing was applied using a Hitachi IM4000 ion beam polisher at 4 kV
acceleration voltage and an incident beam angle of 80° to the surface
normal direction. After surface preparation, the specimens were in-
vestigated using scanning electron microscopy using a Hitachi S3700N
equipped with BSE and EDX detectors (EDAX) for imaging and a
Hitachi S4800 for high resolution imaging and particle measurements
in SLM and DMD processed specimens.
On selected specimens X-ray diﬀraction (XRD) and XRD pole ﬁgure
measurements were performed with Cu Kα radiation using a Bruker D8
DISCOVER equipped with a LynxEye 1D detector. The measurement
conditions were 40 kV and 40 mA with a step size of 0.02° (2Θ). XRD
pole ﬁgure data was corrected for defocusing eﬀects and normalized to
yield multiples of random distribution (m.r.d.) using the MULTEX
software package of Bruker. Additional pinhole snouts were used to
restrict the beam diameter to the area of the specimens.
Solid state SPS sintered material was analyzed using transmission
electron microscopy (TEM) and scanning transmission electron micro-
scopy (STEM) on an aberration-corrected JEOL 2100FCs S/TEM oper-
ating at 200 kV. The electron-transparent lamellas were prepared using
a FEI Helios 600i dual beam focused ion beam (FIB) instrument.
Specimens were prepared by the lift out method and low energy (2 kV)
polishing was applied as ﬁnal step.
The size of the lamellar colonies and γ-TiAl grains in SPS sintered
and heat treated material was determined using the line intersection
method on 2560 × 1920 pixel BSE SEM micrographs recorded at
2000× magniﬁcation along a rectangular line grid. The fraction of
lamellar colonies was determined by their area fraction on the same
micrographs. The size distribution of the ODS particles in SPS material
was measured on 1024 × 1024 pixel bright-ﬁeld STEM micrographs at
20′000× magniﬁcation using the maximum particle diameter
(nSPS = 1718). The fewer and larger ODS particles after SLM and DMD
processing were measured on a series of high-resolution SEM micro-
graphs at up to 4096 × 3200 pixels and 32′000× magniﬁcation
(nSLM = 386 and nDMD = 391). Particle densities were estimated from
the same micrographs assuming particle detection in a 2D plane
yielding the area number density N A/ with N the number of particles
and A the area. The volume particle density is then calculated as
= ⎛
⎝
⎞
⎠
N
V
N
A
3
2
(2)
with V being the volume. The mean particle center distance lc can then
be estimated as
= ⎛
⎝
⎞
⎠
l V
π N
3·
4· ·c
1
3
(3)
assuming a spherical volume element centered at the particle position.
Using the median size of the particles dmedian the inter-particle distance l
can be calculated simply as
= −l l dc median (4)
For TEM lamellae with a certain thickness, the particle volume
density is clearly overestimated by Equation (2). However, the error of
this estimation can be neglected in this case where the order-of-mag-
nitude diﬀerences in between the diﬀerent consolidation methods are of
interest.
The fraction of retained dispersoids f is calculated using the de-
termined median dispersoid size and volume number densities ac-
cording to
Table 1
Alloy designation, composition, particle sizes and applied consolidation technology of the
studied alloys.
Alloy Composition (at.%, mol.
%)
Particle sizes
(μm)
Consolidation
OX 45-3 Ti-45Al-3Nb 10–45 SPS
OX 45-3 ODS Ti-45Al-3Nb-<0.2Y2O3 10-45 and 46-106 SPS, SLM, DMD
GE48-2-2 Ti-48Al-2Cr-2Nb 46–106 DMD
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3
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Vickers hardness (HV) was measured using a Fischerscope HM2000
(Fischer, Germany) on polished specimens prepared for microscopic
investigation. The indentation with the Vickers diamond tip was per-
formed with a maximum load of 400 mN and a load increase time of
20 s. For bulk material a minimum of 25 indentations with a spacing
larger than 50 μm were measured to ensure statistical relevance of the
data. For SPS specimens the hardness was measured perpendicular to
the pressing direction, for SLM and DMD the measurements were per-
formed on the z-y plane where z is the build direction. The machine is
calibrated using standards to ensure data repeatability and create the
necessary correction functions. The typical indentation diameter is in
the order of 10 μm.
4. Processing results and discussion
In this section the results from solid and liquid state powder pro-
cessing are shown. Sintered material was used to study the formed
microstructure and its stability upon high temperature annealing. SLM
and DMD were applied to test the alloy behavior under AM processing
conditions and evaluate microstructure formation, texture and the
possibility to achieve a desired microstructure by thermal annealing.
Additional TEM investigations provide information about the size and
distribution of the oxide particles in the alloy matrix. Finally, the par-
ticle incorporation is compared for solid state SPS and liquid state ad-
ditive SLM and DMD.
4.1. Spark plasma sintering
Solid state consolidation using SPS was successful in producing
dense material from the OX 45-3 ODS powder. Fig. 4a shows the ﬁne
grained duplex microstructure consisting of lamellar colonies and
equiaxed γ and α2 grains in the as SPS state. After the SPS consolida-
tion, the specimen cools down with a maximum cooling rate of 9 K s−1.
Consequently, the specimen contains a high fraction of α2 phase around
49% and is in a metastable state. For any application, the micro-
structure needs to be stabilized closer to its equilibrium state. Ad-
ditionally, fast non-homogeneous cooling gives rise to residual stresses
in the as SPS consolidated material. To achieve the stabilization a
thermal annealing at 1123 K for 12 h in vacuum was performed. Fig. 4b
shows the resulting structure with γ and α2 fractions of around 75% and
25%, respectively, and a lamellar fraction of 26%. Comparing these
results to the calculated phase fractions shown in Fig. 3b, the obtained
state is close to equilibrium. Note that the consolidation by SPS was
performed at 1598 K, which is in the α phase ﬁeld for the chosen alloy.
So already during consolidation, the formation of a coarse grained la-
mellar microstructure would be expected. Conventional heat treatments
to obtain lamellar microstructures for TiAl alloys typically involve a
high temperature treatment in or close to the α phase ﬁeld at tem-
peratures around 1573 K–1673 K, depending on the composition.
Fig. 4c and d shows the resulting microstructures after two step thermal
annealing involving a high temperature step at 1573 K or 1673 K for
15 min and the stabilization treatment described before. The two
temperatures were selected based on the calculated phase fractions and
are close to the lower and upper boundary of the calculated α phase
ﬁeld for this alloy (1563 K–1683 K). The obtained microstructures are
very similar to the one obtained by the stabilization annealing only. The
measured intersection length of the equiaxed γ grains was determined
as 1.4 ± 0.8 μm for the stabilized state and 1.5 ± 1 μm and
1.3 ± 0.6 μm after the thermal annealing at 1573 K and 1673 K, re-
spectively. The fraction of lamellar grains increased from 26% to 36%
Fig. 4. BSE SEM micrographs of SPS (a–d) OX 45-3 ODS and (e, f)
ODS-free OX 45-3 a) in the as SPS state, and after thermal an-
nealing of (b, e) 1123 K/12 h, c) 1573 K/15 min + 1123 K/12 h
and (d, f) 1673 K/15 min + 1123 K/12 h. The α2 (light grey) and
γ (dark grey) phases, pores (black) and Y-based oxides (white)
are indicated as well as the lamellar colonies formed of γ+α2,
The scale bar in f) applies for all micrographs.
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after 1573 K and to 63% after 1673 K. Fig. 5 shows the distribution of
the measured intersection lengths of lamellar colonies after the various
thermal annealings for OX 45-3 ODS. Independently from the chosen
thermal annealing, the peak values are obtained around 2 μm due to the
presence of very small colonies. The mean intersection lengths of la-
mellar colonies for thermal annealing at 1123 K for 12 h, 1573 K or
1673 K for 15min and the stabilization treatment are 3.2 ± 2.2 μm,
2.6 ± 1.4 μm and 4.4 ± 3.1 μm, respectively. After 1673 K for 15 min
the fraction of larger colonies starts to increase, which is also evident
from Fig. 4d. At this temperature, the γ grains are slowly dissolving in
the disordered α matrix resulting in larger lamellar colonies in the ﬁnal
microstructure. With increasing temperature this process is expected to
occur faster as it is observed in the SPS material. Fig. 4e shows the
microstructure of the OSD-free variant OX 45-3 after SPS and 1123 K
for 12 h. Large lamellar colonies are formed with γ at the colony
boundaries along with a multitude of sub-micrometer pores. After a
high temperature anneal at 1673 K for 15 min and the stabilization
treatment, the microstructure is further coarsened. The mean inter-
section length of the lamellar colonies after 1123 K for 12 h and 1673 K
for 15min plus 1123 K for 12 h are 10.9 ± 8.9 μm and 11.0 ± 8.2 μm,
respectively. After high temperature annealing, larger pores appear in
the γ-seams along the colony boundaries (Fig. 4f). This pore expansion
is explained by a combination of high temperature, absence of
strengthening particles and a high internal pressure in the pores. During
SPS the pores and any contained gas are compressed with 50 MPa. This
is equivalent to an overpressure of 500 bar inside the pores assuming
residual gas pores with atmospheric pressure contained in the powder.
As the alloy is later annealed, the high internal pressure leads to de-
formation of the surrounding matrix and an increased pore size. The
appearance of the largest pores in the γ-seams further strengthens this
argument, as the lamellar structure is expected to have superior creep
resistance compared to the γ-phase. Additionally, dissolved gas may be
liberated and further contribute to pore expansion. It has to be noted,
that the observed pore size is expected to be an overestimate of the true
pore size, as chemo-mechanical ﬁnal polishing is applied. Thus the
material is attacked and exposed pores are expected to increase in size.
The observed behavior upon consolidation and thermal annealing
shows an exceptional microstructural stability of the produced SPS ODS
alloy variant at high temperatures during consolidation and following
thermal annealing. The increased microstructural stability of the SPS
material can be directly related to the presence of the ODS particles in
the alloy matrix. With the possibility to produce near-net shape turbine
blades by SPS the newly developed OX 45-3 ODS alloy or similar ODS
TiAl alloys have potential applications as solid state sintered compo-
nent in high temperature environments in the future. Additionally,
microstructural stability is a crucial factor for application of SPS con-
solidated alloys [16]. The introduction of dispersoids eﬀectively limits
colony coarsening and allows production of alloy with colony sizes
around 5–10 μm promising interesting mechanical properties at high
temperatures.
4.2. Selective laser melting
Liquid state consolidation using SLM was successful in creating test
parts with low porosity (Fig. 6). Fig. 6a shows the observed micro-
structure in the as-processed state. In the as-processed state, the major
constituent is a metastable α2 phase which forms during rapid cooling
[12]. Starting from the melt pool boundary, a grain selection process
takes place producing a gradient in grain size. Subsequent laser scans
partly re-melt the previously deposited material and eliminate the very
coarse grains. Again, selected grains continue to grow. Consequently,
the deposited material contains ﬁne grained former melt pool bound-
aries and coarser bulk regions. In the material close to the former melt
pool boundary a ﬁne structure is visible originating from the primary β
cells later transformed to α are visible. Residual porosity below 5 μm is
also observed. Based on the spherical shape it is proposed, that these
are caused by the entrapped gas from powder production or processing.
Material from the same specimen was subjected to a thermal annealing
at 1123 K for 12 h similar to the SPS consolidated material. Fig. 6b
shows the obtained near-lamellar microstructure consisting of lamellar
γ+α2 colonies in a size range of 5–30 μm and sub-micrometer γ and α2
grains formed at the colony boundaries. These grains show an elon-
gated shape and are oriented typically parallel with respect to each
other and to one of the adjacent colonies (inset Fig. 6b). This bimodal
lamellar structure, ﬁne inside the colonies and coarse at the boundary
in between, can be explained by the kinetics of the phase transforma-
tion. First, fast decomposition of the former α grains into primary γ+α2
colonies takes place upon thermal annealing. The size and shape of the
primary lamellar colonies is similar to the α2-grains observed in the as
processed material. This indicates a direct decomposition of the me-
tastable microstructure upon thermal annealing. Later a slow decom-
position of the ﬁne structure into a coarser lamellar structure by dis-
continuous coarsening starts. This requires diﬀusion over greater
length. At 1123 K the diﬀusion in TiAl alloys is expected to be rather
slow based on their intermetallic ordered structure. Consequently, this
second transformation is observed in its initial stage after the thermal
annealing. Inside the colonies ﬁnely distributed dispersoids are visible
Fig. 5. Distribution of the measured intersection length of lamellar colonies in SPS OX 45-
3 ODS after diﬀerent thermal annealing. Least-square-ﬁtted log-normal distribution
curves are shown overlaid.
Fig. 6. BSE SEM micrographs of SLM processed OX 45-3 ODS
(Ea = 4.5 J/mm2) in a) as processed state and b) after thermal
annealing at 1123 K for 12 h (inset: scale bar = 4 μm). The
observed phases, pores, melt pool boundary (MPB), coarse (C)
and ﬁne lamellar (F) regions and dispersoids (prt) are indicated.
The scale bar in b) applies for both micrographs. The build
direction (z) and the beam translation (y) are shown. The
scanning direction (x) is out-of-plane.
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as bright spots due to the mass contrast of the yttrium-based oxides
(inset Fig. 6b). It needs to be pointed out, that the applied thermal
annealing temperature is far below conventional heat treatment tem-
peratures to obtain near-lamellar microstructures. In cast parts of si-
milar composition, temperatures as high as 1653 K in the α-ﬁeld are
applied [23]. This is more than 500 K higher than the thermal an-
nealing which was applied in this work. The formation of a super-
saturated metastable microstructure during rapid solidiﬁcation enables
such low heat treatment temperatures and phase decomposition.
The obtained results clearly show that the OX 45-3 ODS alloy can be
consolidated using laser processing and be transformed into conven-
tional microstructures afterwards. This opens the space to complex
shaped ODS TiAl alloys for highly loaded applications. Detailed studies
on suitable processing parameter windows and part integrity are
needed in the future to enable the application ODS TiAl alloys.
4.3. Direct metal deposition
Compared to the powder-bed based SLM technique, blown-powder
based DMD provides higher deposition rates at higher energy densities.
In this work, the applied area energy densities for DMD were a factor of
27 higher than for SLM. Fig. 7 shows the observed microstructures for
OX 45-3 ODS and GE48-2-2 in the as-processed and annealed state. The
Al-rich GE48-2-2 forms a dendritic microstructure consisting of lamellar
γ+α2 colonies and inter-dendritic γ phase. The Al-leaner OX 45-3 ODS
forms a columnar grained structure consisting mainly of the α2 phase
with some spurious γ. The largest dispersoids are visible as white spots
in the SEM micrograph. After a thermal annealing at 1123 K for 12 h
both alloys start to recrystallize (Fig. 7c and d). While GE48-2-2 retains
Fig. 7. BSE SEM micrographs of DMD processed a, c, e) GE48-2-
2 (Ea = 179 J/mm2) and b, d, f) OX 45-3 ODS (Ea = 120 J/
mm2). (a, b) in the as processed state and after thermal an-
nealing of (c, d) 1123 K/12 h and (e, f) 1573 K/
15 min + 1123 K/12 h. The α2 and γ phase, pores and dis-
persoids (prt) are indicated. Bright spots in e) correspond to Cr-
rich areas. The scale bar in f) applies for all micrographs (inset:
scale bar = 2 μm). The build direction (z) and the beam trans-
lation (y) are shown. The scanning direction (x) is out-of-plane.
Fig. 8. XRD spectra of DMD processed OX 45-3 ODS (top) and GE48-2-2 (bottom). Peaks
of the intermetallic α2 and γ phases and of Y2O3 are indicated.
C. Kenel et al. Intermetallics 90 (2017) 63–73
69
its ﬁne lamellar structure with equiaxed γ, OX 45-3 ODS decomposes
into small lamellar γ+α2 colonies. Residual areas between the colonies
still resemble the α2 structure observed in the as processed state. The
presence of a dual phase structure in these areas with a very ﬁne la-
mellar spacing would be expected based on the results of annealed SLM-
consolidated material (Fig. 6b). If present, the resolution of the SEM or
compositional diﬀerence and thus contrast was not high enough to
resolve this structure. After annealing at 1573 K for 15 min and 1123 K
for 12 h, GE48-2-2 is fully transformed into a duplex structure with an
increased amount of γ. This is in agreement with established phase
diagram data on Ti-48Al-2Cr-2Nb predicting 1573 K to be in the α+γ
two phase ﬁeld and consistent with observations on DMD of similar
alloys [5]. OX 45-3 ODS forms a fully lamellar microstructure with
ragged colony boundaries, as the chosen temperature is in the α single
phase ﬁeld. Fig. 8 shows XRD spectra of DMD processed OX 45-3 ODS
(top) and GE48-2-2 (bottom). The ODS alloy contains a large fraction of
α2 with a minor γ content. Additionally, Y2O3 is clearly observed which
is enriched at the surface due to partial slagging-oﬀ of the oxide par-
ticles in the last deposited layer during processing. The GE48-2-2 alloy
contains mainly γ together with α2 based on the relative intensities of
the γ(111) and α2 (2021) peaks. This diﬀerent behavior is explained by
the dependence of the solidiﬁcation path on alloy composition. OX 45-3
ODS is fully β-solidifying, while GE48-2-2 is forming primary β, un-
dergoes a peritectic reaction and then solidiﬁes by α under equilibrium
conditions. Recent in situ XRD experiments on Ti-48Al at high cooling
rates by Ref. [13] show that the formation of β-phase is suppressed at
high cooling rates and the alloy forms primary α phase. Additionally, it
is presented in Ref. [11] that Al-rich alloys typically show much
stronger segregation than Al-lean alloys. Consequently, GE48-2-2 shows
a ﬁne structure dominated by the solidiﬁcation of the α phase, whereas
OX 45-3 ODS shows a coarse structure originating from the primary β
phase. Beside the phase fractions and segregation, the texture is also
strongly inﬂuenced by the alloy composition. Fig. 9 shows XRD pole
ﬁgures for DMD processed GE48-2-2 (top) and OX 45-3 ODS (bottom)
for the γ(111)/α2(0002) reﬂection (left) and the α2 (2021) reﬂection
(right). For GE48-2-2 a ﬁber texture is observed for both reﬂections
while OX 45-3 ODS is much less textured based on the intensity
distributions. No distinct alignment of the principal peaks of α2 and γ
was observed with the out-of-plane direction in the center of the pole
ﬁgures. Based on the observed intensity distributions, γ(111)/α2(0002)
is slightly oriented towards the in-plane direction, whereas α2(2021) is
observed more frequently at lower angles to the surface normal direc-
tion. The distinct ring shape for the α2(2021) pole ﬁgure of GE48-2-2 is
formed by the other planes of the α2{2021} family of planes rotated
around the out-of-plane direction. The calculated ideal inter-planar
angles between α2(2021) and α2(2021) and between α2(2021) and
α2(2021) are of 52.32° and 56.31°, respectively. These angles agree well
with the observed ring shape between 50 and 70° taking into account
the spread of the central peak of± 11° and± 9° parallel and perpen-
dicular to the laser scan direction, respectively. This spread indicates a
misalignment of the α2 phase with the out-of-plane direction and is
caused by slightly diﬀerent crystal orientation depending on the posi-
tion in the overlapping melt pools. Consequently, the ring shape of the
α2{2021} plane family is also spread. The diﬀerent phase fractions of γ
and α2 in the two studied alloys have to be taken into account when
interpreting the pole ﬁgure data for γ(111)/α2(0002). In GE48-2-2 the
resulting pole ﬁgure is dominated by the principal orientation of the γ
phase as the main component. On the contrary, the pole ﬁgure of the
same reﬂection for OX 45-3 ODS reﬂects the orientation of mainly
α2(0002), as only a minor fraction of γ is present in this alloy. The
diﬀerence in data smoothness for the two alloys is explained by the
diﬀerent grain sizes of the formed microstructures. GE48-2-2 formed a
very ﬁne dendritic microstructure providing a multitude of diﬀerent
grains that simultaneously fulﬁll the diﬀraction conditions. The coarser
structure in OX 45-3 ODS provides only a reduced number of grains that
can contribute to diﬀracted intensity in a certain direction. Thus a
speckle-like intensity distribution is observed in the pole ﬁgures of OX
45-3 ODS. However, these diﬀerences related to the dual phase mi-
crostructures of the alloys do not the change the fact, that the overall
degree of texture after DMD processing is signiﬁcantly reduced in the β-
solidifying OX 45-3 ODS alloy. As observed from the orientations of the
lamellar colonies after annealing, there seems to be also no preferential
lamellar orientation after thermal annealing (Fig. 7d and f).
The results clearly show the possibility to consolidate OX 45-3 ODS
using DMD. Furthermore, the chosen β-solidifying alloy induces sig-
niﬁcantly reduced texture in as-processed parts. Finally, the obtained
microstructure can be transformed to a conventionally applied one by
adapted thermal annealing (see Section 4.2). The compatibility of the
developed ODS alloy with DMD opens possibilities to produce larger
complex shaped ODS TiAl components which cannot be eﬃciently
produced by powder-bed based methods as SLM or have too intricate
features to be just produced by solid state sintering. Furthermore, the
geometrical freedom in DMD processing facilitates controlled pre-
heating to avoid the formation of large residual stresses, part de-
formation and potentially cracking.
4.4. ODS particle incorporation
It was shown that the OX 45-3 ODS alloy can be consolidated using
solid state and additive liquid state processing technologies. In ODS
alloys, the size and distribution of the ODS particles is crucial for the
desired properties. Based on the well-known Orowan-relation
=
−
σ M Gb
l r2( )or (6)
where M = 3 is the conversion factor between shear and normal stress,
G is the shear modulus, b is the Burgers vector, the stress σor is increased
with smaller particle diameter r and smaller inter-particle distance l for
non-cuttable particles. For dispersion strengthened ordered inter-
metallics more complex models are applied in order to account for
detachment of the dissociated dislocations from the embedded particles
[25]. The optimum dispersoid diameter d is then related to the dis-
sociation width w by w/d≈0.6. As the involved energies of the formed
Fig. 9. XRD pole ﬁgures of DMD processed GE48-2-2 (top) and OX 45-3 ODS (bottom) for
the most intense reﬂections γ(111)/α2(0002) (left) and α2(2021) (right). The coloring
corresponds to low (blue) to high (red) values of m.r.d. The laser scan direction is hor-
izontal for all subﬁgures. The part top surface normal is out-of-plane and in the center of
the pole ﬁgures. (For interpretation of the references to colour in this ﬁgure legend, the
reader is referred to the web version of this article.)
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faults in TiAl alloys are comparably high, the corresponding dislocation
dissociation width is typically less than 8 nm [26]. Consequently, the
most eﬀective dispersoid size for enhanced creep strength in ODS TiAl
alloys is around 13 nm or less. For the dissociated super-dislocations the
slightly larger particles are more eﬀective while ordinary dislocations
are more eﬀectively hindered in their movement by smaller dispersoids.
Fig. 10a shows the distribution of ﬁne dispersoids throughout the in-
termetallic matrix in SPS OX 45-3 ODS stabilized at 1123 K for 12 h.
The median particle size and volume number density were determined
as 29 nm and 4.4·1020 m−3. The calculated median particle interspa-
cing is 134 nm. The dispersoids are present in the equiaxed grains as
well as in the lamellar colonies. The obtained particle sizes are com-
parable to the particle sizes in recrystallized PM2000, an established
ODS Fe-base alloy [14,27]. Already in the stabilized state, grain
boundary pinning was observed (Fig. 10b). The particles stop grain
boundary movement and eﬀectively retain a ﬁne microstructure and
also seem to slow down the γ→ α phase transformation as discussed in
section 4.1. It is observed, that the particles interact with dislocations in
the material (Fig. 10c). Dislocation pinning at the particles and bowing
in between is evident. During service at elevated temperature these
eﬀects can be exploited to retain a desired microstructure - i.e. coarse
grains for creep loading - for enhanced mechanical properties and long
term stability. Fig. 11a shows the observed particle size distributions for
solid state and additive liquid state processing. Fitted log-normal dis-
tribution curves are shown overlaid. Comparing these results it is evi-
dent, that liquid state processing leads to a certain degree of particle
coarsening due to the high temperature and the presence of a liquid
phase allowing fast diﬀusion of the elements necessary for particle
growth. The diﬀusion of Y and O is limiting the growth of pure Y2O3
particles. The formation of higher-order oxides containing Ti and/or Al
and having various crystal structures has been described earlier for Al-
containing ODS alloys [27]. Speciﬁcally for TiAl alloys, the formation
of Y-Al-O particles has been observed [19]. Consequently, the particle
coarsening is not limited only by the diﬀusion of Y anymore and rapid
growth can occur in the liquid state by incorporation of Ti and/or Al.
After SPS and stabilization at 1123 K for 12 h a rather sharp size dis-
tribution with a median size of 29 nm is preserved. In SLM processed
material a slightly broader distribution with a median size of 82 nm is
observed. The volume number density is decreased to 7.4·1018 m−3.
Consequently, the median particle interspacing is increased to 554 nm.
DMD processing leads to a very broad size distribution ranging from
sub-50 nm dispersoids to particles with a diameter of several hundreds
of nanometers. These large particles are recognizable due to their high
Y-content in BSE SEM micrographs (Fig. 7d). In accordance with the
coarsening also the volume number density is reduced to 1.1·1018 m−3.
The calculated median particle interspacing becomes relatively large
with 1043 nm. Comparing the diﬀerent consolidation methods, redu-
cing the energy input in the material during processing clearly reduces
the preserved oxide particle size. The two applied liquid state proces-
sing technologies SLM and DMD have greatly diﬀerent heat input and
melt pool sizes based on their laser spot diameters and area energy
densities of 100 μm and 1.3 mm, and 4.5 J/mm2 and 120 J/mm2, re-
spectively. Fig. 11b shows the correlation of oxide particle size
distribution and applied area energy density. The results from solid
state SPS are shown for comparison. Overlaid is a power law ﬁt of the
median particle size according to
=d a E· am
1
(7)
where d is the median oxide particle diameter, a is the proportionality
constant, Ea is the area energy density and m is the growth exponent.
Simulations on melt pool life times in SLM show an approximately
linear dependence on applied area energy density [28] (Supplementary
Fig. S2). This allows applying a conventional parabolic diﬀusion-
dominated growth model with ∼d tm1 where ∼t Ea is the time and
linear proportional to the area energy density Ea. The data and the
ﬁtted curve indicate that the energy input would need to be decreased
to very low and ﬁnally unreasonable values to obtain similar particle
sizes by liquid state processing as in solid state SPS material. It also
Fig. 10. Microstructure of SPS OX 45-3 ODS stabilized at
1123 K for 12 h a) STEM bright-ﬁeld micrograph showing the
distribution of ﬁne ODS particles, b) HRTEM micrograph of an
ODS particle pinning a grain boundary (GB) in the intermetallic
matrix, c) TEM micrograph of ODS particles interacting with
dislocations.
Fig. 11. a) Size distribution of ODS particles in solid state SPS sintered and stabilized,
SLM and DMD processed OX 45-3 ODS. Least-square-ﬁtted log-normal distribution curves
are shown overlaid as well as the corresponding median value. b) Correlation of median
ODS particle diameter and area energy in laser processing. The value for SPS sintered
material is shown for comparison. A power law ﬁt and the estimated 10%–90% percentile
range are shown overlaid.
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shows the limited eﬀect of slight parameter variations in process con-
trol, as area energy input between SLM and DMD in this work diﬀers by
a factor of∼27, while the median dispersoid size is only increased by a
factor of 2. However, if liquid state AM technologies based on very ﬁne
focused beams at low power and high scanning speeds are applied,
particle sizes comparable to SPS seem to be possible. Generally, the life
time of the melt pool needs to be minimized to yield the smallest par-
ticles.
The retained fraction of dispersoids after SLM and DMD processing
is decreased to 38% and 41%, respectively, compared to SPS material.
Slagging-oﬀ due to relatively low scanning speeds and slow solidiﬁca-
tion in DMD explains the observed losses and is conﬁrmed by Y2O3
forming on the surface. Generally, a reduction of particles after SLM
and DMD processing can be explained by a combination of slagging-oﬀ,
dissolution and potentially also formation of dispersoids below the
detection limit. No Y2O3 was observed on the surface of SLM processed
material, indicating that the latter two processes play a dominant role.
Future work will be dedicated to study the dispersoid size, stability and
composition after processing.
4.5. Hardness of consolidated material
The hardness of SPS and DMD consolidated material was measured
to analyze the eﬀects of ODS incorporation and diﬀerent consolidation
methods on the mechanical properties (Table 2). Comparing the ODS-
containing and ODS-free SPS consolidated alloy a beneﬁcial eﬀect of
the yttria addition is evident. After a stabilization annealing at 1123 K
for 12 h the ODS-free variant has 441 ± 29 HV, while OX 45-3 ODS
has 477 ± 16 HV. This diﬀerence gets accentuated after high tem-
perature annealing at 1673 K. The hardness of OX 45-3 is reduced to
409 ± 26 HV, while it is increased in OX 45-3 ODS to 485 ± 15 HV.
DMD processed material has a high hardness in the as-processed state
due to a high fraction of α2 (Figs. 7 and 8) After thermal annealing at
1123 K for 12 h the hardness is slightly reduced to 546 ± 38 HV but
still signiﬁcantly higher than for SPS material annealed similarly. After
high temperature annealing at 1573 K for 15 min and 1123 K for 12 h,
similar hardness values are obtained for SPS and DMD processed OX 45-
3 ODS, 471 ± 23 and 469 ± 25 HV, respectively. The DMD processed
GE48-2-2 material shows lower hardness after processing and after all
thermal annealing compared to OX 45-3 ODS. The similarity of hard-
ness of annealed SPS and DMD material has extensive implications, as
the microstructure of SPS and DMD material is diﬀerent. In SPS mate-
rial a ﬁne duplex microstructure is observed, while DMD produces ﬁrst
a columnar structure of mainly α2 that decomposes into a near-lamellar
microstructure during thermal annealing (Figs. 4 and 7). Naturally, the
ﬁner SPS structure would be expected to provide the higher hardness
due to a strength increase according to a Hall-Petch relation. Such be-
havior is observed when comparing SPS consolidated OX 45-3 and OX
45-3 ODS. The high hardness of DMD processed material indicates that
the size of the lamellar colonies is not the factor determining increased
hardness. Although the eﬀect can be attributed to the introduction of
the dispersoids, it remains unclear if it is only the presence of the
particles or if the dispersoids are partly dissolved in the melt leading to
a doping eﬀect of the matrix. Given the reactivity of TiAl alloy melts
and the associated problems of ﬁnding suitable ceramics for crucibles
such a mechanism has to be considered. Despite the hardness cannot be
directly used as a measure for the mechanical performance of TiAl al-
loys, the measurements indicate that the mechanical properties in OX
45-3 ODS are increased by the introduction of Y-based dispersoids.
These eﬀects are also observed after liquid phase AM processing by
DMD. A more detailed study of the mechanical properties of the con-
solidated ODS material will be reported in a separate paper.
5. Summary and conclusions
• SPS OX 45-3 ODS has superior microstructural stability up to 1573 K
compared to the ODS-free variant. The median particle size is
29 nm at a volume number density of 4.4·1020 m−3.
• SLM produces a coarse grained α2-rich microstructure with a
median dispersoid size of 82 nm at a volume number density of
7.4·1018 m−3. Upon annealing at 1123 K for 12 h, microstructural
reﬁnement into ﬁne lamellar material is demonstrated. The retained
fraction of dispersoids is 38% compared to SPS material.
• After DMD also a coarse grained α2-rich microstructure is formed.
Fine grained material is obtained after heat treatment at 1123 K for
12 h. Coarse grained material for enhanced creep resistance is ob-
served after a two-step heat treatment at 1573 K/15 min + 1123 K/
12 h. Incorporated particles have a median size of 159 nm at a
number density of 1.1·1018 m−3. The as processed material shows
signiﬁcantly reduced texture and more evenly distributed intensity
for the measured γ(111)/α2(0002) and α2(2021) reﬂections com-
pared to DMD GE 48-2-2 alloy (Ti-48Al-2Cr-2Nb). The retained
fraction of dispersoids is 41% compared to SPS material.
• Hardness measurements show superior values for SPS OX 45-3 ODS
compared to its non-ODS counterpart.
From the obtained results it can be concluded that ODS TiAl alloys
can be successfully produced by mechanical alloying and be con-
solidated by SPS, SLM and DMD. Especially the incorporation of small
oxide particles using liquid state AM processing based on rapid solidi-
ﬁcation is a novel approach in TiAl alloys and was here reported for the
ﬁrst time according to the authors' knowledge. The compatibility of the
developed Ti-45Al-3Nb ODS alloy with diﬀerent processing technolo-
gies is foreseen to allow the use of solid state sintering and liquid state
AM technologies to produce complex components using multi-step
manufacturing taking advantage of the individual processing char-
acteristics. The same alloy can then be used for a geometrically simple,
sintered support structure with smaller oxides, combined with highly
complex features produced by AM on top containing larger particles.
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Table 2
Vickers hardness (HV ± 1σ) of SPS and DMD consolidated ODS-containing OX 45-3 ODS
and ODS-free OX 45-3 and DMD consolidated GE48-2-2.
Process and Material Condition HV±1σ
SPS OX 45-3 1123 K/12 h 441 ± 29
1673 K/15 min + 1123 K/12 h 409 ± 26
SPS OX 45-3 ODS as SPS 505 ± 18
1123 K/12 h 477 ± 16
1573 K/15 min + 1123 K/12 h 471 ± 23
1673 K/15 min + 1123 K/12 h 485 ± 15
DMD OX 45-3 ODS as DMD 564 ± 61
1123 K/12 h 546 ± 38
1573 K/15 min + 1123 K/12 h 469 ± 25
DMD GE48-2-2 as DMD 512 ± 45
1123 K/12 h 410 ± 19
1573 K/15 min + 1123 K/12 h 358 ± 15
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